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Effect of hydrogen on the tensile ductility
of Ti6Al4V
Part II Fracture of pre-cracked tensile specimens

J. GU* , D. HARDIE
Department of Mechanical, Materials and Manufacturing Engineering, The University,
Newcastle-upon-Tyne NE1 7RU, UK

Pre-cracked compact tensile specimens of Ti6Al4V charged with hydrogen were slowly

strained in tension at room temperature and 2.3]10!5 mm s!1 and a crack-growth monitor

used to detect the early stages of slow crack growth and so confirm the load for its initiation.

The micro-fractography and crack propagation path were examined by scanning electron

microscopy (SEM). The results confirmed that slow cracking preceded fast cracking in all

specimens and at hydrogen contents below 90 p.p.m. the stress intensity factor for slow

cracking, Ks, increased with increasing hydrogen, whereas it was reduced at higher levels.

The average slow crack growth rate increased on increasing the hydrogen content from

10 p.p.m. to 90 p.p.m., but decreased sharply as the hydrogen content was further increased

to 125 p.p.m., and then again increased above 125 p.p.m. hydrogen, but only very slowly.

With increasing hydrogen content, the slow crack initiation changed from within the a phase

to the interface between the a and b phases, the growth path from transgranular to interfacial

separation and the fracture mode from the mixed ductile and cleavage to fracture along the

a—b interface (*500 p.p.m.). It is suggested that the mechanism of slow crack growth is

different for the different ranges of hydrogen content: at the low hydrogen levels

((90 p.p.m.) the dominant mechanism is creep-induced slow crack growth, whereas the

slow cracking becomes controlled by hydrogen diffusion in both a and b phases when the

hydrogen content is above 90 p.p.m. Fast fracture was invariably preceded by slow crack

growth at all hydrogen levels up to 500 p.p.m.
1. Introduction
Ti6Al4V is by far the most important and widely used
titanium alloy in many industries, including aerospace
applications, marine engineering, energy production
and storage, and biomedical applications [1]. From
the point of view of reliable service, there is an in-
creased requirement for the prediction of fracture
properties in structural components, such as fracture
toughness, K

I#
, the threshold stress intensity factor for

slow crack growth and the effect of environment on
crack growth rate. In addition, because any improve-
ment in these properties can result in more efficient
design with attendant weight savings, it is clearly worth-
while to identify those parameters that influence such
fracture properties. These include preferred orienta-
tion, micro-structure and environment, especially hy-
drogen.

The effect of hydrogen on the fracture behaviour of
titanium alloys has been most extensively studied
[2—18]. These studies have involved the action of both
internal [2—6, 14, 16, 17] and environmental hydrogen
* Permanent address: Department of Materials Science and Engine

[7—13], the effect of hydrogen on the threshold stress

0022—2461 ( 1997 Chapman & Hall
intensity factor and fracture toughness [2—6], the dy-
namics of sub-critical cracking growth [10, 14—17],
and hydrogen-induced fractography [11, 12, 18]. The
work has generally involved constant displacement
[10, 14] or sustained load techniques [2, 3, 5, 7]. Al-
though the first is suitable for determination of the
slow crack growth rate, the latter requires many speci-
mens and a long time to obtain the threshold stress
intensity factor. In addition, the range of hydrogen
contents used by earlier investigators is either narrow
[2, 3] or not systematic [4, 5], so that the conclusions
drawn by different authors frequently show pro-
nounced disagreement.

From the early 1960s, Parkins and his colleagues
[19—22] have developed and utilized a slow strain-rate
technique (SSRT) for the study of stress corrosion
cracking (SCC). The chief advantage of this technique
[19] is that it is much more positive in producing SCC
than conventional constant displacement or constant
load tests, so that the testing time is inevitably re-
duced. Not only can this method satisfy pass/fail cri-
ering, Tsinghua University, Beijing, People’s Republic of China.

teria, but it can also provide data concerning the effect
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Figure 1 Design of compact tension specimen.

of various parameters on SCC susceptibility. The sig-
nificantly better reproducibility of the cracking velo-
cities determined from SSRT, as compared to those
from constant load tests, is also noteworthy.

In the present work, SSRT of pre-cracked compact
tensile specimens was employed to examine the effects
of internal hydrogen on the fracture properties of
mill-annealed Ti6Al4V round bar. This allowed
a wider range of hydrogen content to be studied, from
10—500 p.p.m., with a satisfactory number of points
between these limits. The fractography and crack
propagation paths were observed by SEM.

2. Experimental procedure
The material received was hot-rolled 110 mm dia-
meter round bar, containing 6.55 Al, 4.19 V, 0.19 Fe,
0.185 O, 0.007 N, 0.02 C, 0.001 H and balance Ti
(wt%). The microstructure consisted of equiaxed
primary a phase (grain size about 20 lm) with b
phase, and a eutectoid structure of a and b phases
discontinuously dispersed in the boundaries. The
micrography revealed that some a grains were elon-
gated in various directions, as has been previously
shown [23].

Compact tensile (CT) specimens (Fig. 1) were cut
from the bar with a specific orientation having the
major plane perpendicular to the longitudinal direc-
tion of the round bar and the notches always parallel
to a particular transverse (T) direction (as specified
previously [23]), so that the fracture plane was paral-
lel to the longitudinal axis of the original bar and
propagation was in the specific transverse direction.
Although the specimen thickness B"6.35 mm does
not fulfil the requirements of British Standard BS5447

[24] for plane strain fracture toughness measure-
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ments, nevertheless this type of specimen was con-
sidered acceptable for comparative purposes. Speci-
mens finished to a 5/0 grit were then pre-cracked by
fatigue in a relatively hard fatigue machine at a fre-
quency of 150 Hz before charging with hydrogen. The
maximum stress intensity factor used for the speci-
mens in the final stage of fatigue pre-cracking was
always less than 50% of the critical stress intensity
factor for the final failure.

Specimens were carefully washed in acetone, dried
and weighed before placing in the charging furnace
which was then sealed and evacuated to (10~4

mbar, before heating to 600 °C. After a good vacuum
had been achieved, the system was isolated from the
pumps and purified hydrogen was collected in a gas
burette so that appropriate measured amounts could
be bled into the furnace containing the specimen. The
furnace was then held at 600 °C for 2 h before cooling.
The hydrogen content, C (p.p.m. by wt) in the speci-
men was calculated from the following formula

C"

103A
H
P
1
»

1
¹

0
22.4 GP

0
¹

1

(1)

where A
H

is the molecular weight of hydrogen, ¹
0

the
standard temperature, 273 K, P

0
the standard pres-

sure (1 bar), ¹
1

the ambient temperature (K), P
1

the
environment pressure at ambient temperature, »

1
the

hydrogen volume added (cm3) and G the weight of the
specimen (g).

The holding time of 2 h at 600 °C ensured homogen-
eity of distribution of hydrogen in the specimen and
the microstructures of the specimens heated and
charged at 600 °C for 2 h were essentially unchanged,
except at the higher hydrogen levels.

The slow straining of compact tensile (CT) speci-
mens was conducted in a vertically mounted tensile
machine at a crosshead speed of 2.3]10~5 mms~1.
The outputs from the load cell, P, and the displace-
ment from a clip gauge, d

'
, were fed, respectively, into

an X—½ (load—displacement) recorder and an X—t
(load—time) recorder, which allowed subsequent plot-
ing of load—displacement and load—time curves.
A crack growth monitor CGM5 using a.c. impedance
measurements was used to detect the early stages of
slow crack growth in pre-cracked CT specimens, and
a potential output from the CGM5 was fed into an
X—t (potential output versus time) recorder and the
potential—time curve plotted, to allow comparison
with load and displacement measurements. The initia-
tion of slow crack growth can thus be determined
from the potential time curve and the initial load, P

4
,

for slow crack growth can be assessed from the
load—time curve. The load, P

H
, for fast cracking was

directly obtained from the load—displacement curve.
The initial and final crack lengths for the period of

slow crack growth were measured at ten positions
along the crack fronts (fatigue and slow cracking) on
the fracture surface and the averages of the measure-
ments for each crack front used to obtain the effective
initial crack length for slow cracking as (the distance
from the loading line to the fatigue crack tip) and the

effective crack length for fast fracture, a

4
(the distance



Figure 2 Calibration curve relating compliance to crack length. [H]
(p.p.m.); (L) 10, (d) 30, (n) 53; (m) 90; (£) 125, (.) 165, (h) 200, (r)
250, (j) 358, (e) 500.

from the loading line to the end of the slow crack
growth).

The stress intensity factor, K, was calculated from
the standard equation for this particular specimen
geometry [24]

K"

P½

B¼1@2
(2a)

where

½"29.6 A
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1@2

!185.5A
a

¼B
3@2

#655.7A
a

¼B
5@2

!1017A
a

¼B
7@2

#638.9 A
a

¼B
9@2

(2b)

where P is the load, a the crack length, B the specimen
thickness and ¼ the net width of the specimen from
the loading line (Fig. 1). K

4
and K

H
, the critical stress

intensity factors for slow crack growth and unstable
fast cracking, respectively, can then be determined.

It is common practice [25] to refer to the ratio d/P
as the compliance, where P is the applied load and d is
the displacement at the loading line for a brittle solid.
The curve of compliance against crack growth, a (or
a/¼ ), is usually employed to obtain the relationship
between the crack length and the stress intensity fac-
tor. For convenience, the relationship between the
slope P/d

'
of the load—displacement curve and a/¼

was employed in this study to assess the crack length,
using the actual opening, d

'
, at the knife edges under

loading. A series of specimens having various crack
lengths was used to obtain a calibration curve (Fig. 2)
and the relationship (P/d

'
)"42.52!64.55 (a/¼ ) de-

rived from this (with a high correlation coefficient).
When the data from specimens containing different
hydrogen contents were compared with the line ob-
tained it became obvious that the variation in hydro-
gen content did not have any effect, i.e. this plot may
be considered unique for this material, whatever the
hydrogen content. Using the experimental curves
(P versus d ) together with the relationship between
'
P/d

'
and a/¼, and Equation 2, the stress intensity
Figure 3 Effect of hydrogen on the threshold stress intensity factor
for slow crack initiation, K

4
, and the critical stress intensity factor

for fast cracking, K
H
.

factor, K, at a certain crack length, a, may be
determined. Thus the relationship between the
*K

4
("K!K

4
) and *a("a

H
!a

4
) may be obtained.

The average velocity of the slow crack growth was
also calculated by dividing the slow crack length *a
("a

H
!a

4
) by the slow cracking time *t("t

H
!t

4
) .

The slow crack growth path was examined using
scanning electron microscopy (SEM) in the back-
scatter electron image mode. The specimens used were
ground to 600 grit before polishing to 1 lm diamond
finish but not etched. Because the compositions of
the a and b phases of Ti6Al4V are different [26],
the microstructures are clearly revealed by the mass
image.

3. Results
Slow cracking occurs in all specimens, whatever the
hydrogen content (Fig. 3), but the effect of hydrogen
content on K

4
may be divided into two parts, below

and above 90 p.p.m. In the low hydrogen range,
K

4
increases with increasing hydrogen content but, in

contrast, K
4
decreases as hydrogen increases at higher

hydrogen levels. The mean velocity for slow cracking
rises sharply with increasing hydrogen up to 90 p.p.m.
then drops suddenly, by more than an order of magni-
tude, and only increases very gradually with hydrogen
content up to 500 p.p.m. (Fig. 4). There seem to be
three distinct ranges for fast fracture: K

H
increases

with hydrogen up to about 50 p.p.m. and remains
constant to about 90 p.p.m., then increases to a max-
imum between 90 and 250 p.p.m. before dropping to
the same constant value above 250 p.p.m.

The slopes of curves relating *K and *a during
slow crack growth for specimens having different hy-
drogen contents show a decrease from 10 p.p.m. to 90
p.p.m. but above 125 p.p.m. become reasonably con-
stant at a value just greater than that for the as-
received material (Fig. 5). The macro-characteristics
of the fracture surfaces are obviously influenced by

hydrogen content (Table I). The fractography of the
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Figure 4 Effect of hydrogen on the mean velocity of slow cracking
when straining at 2.3]10~5 mms~1.

fast fracture region is generally the same for specimens
with different hydrogen contents and is mainly ductile
(Fig. 6). On the other hand, the fractography in the
slow cracking region of as-received Ti6Al4V consists
of a mixture of dimples and cleavage (Fig. 7a) and with
increasing hydrogen the fracture mode remains trans-
granular until the hydrogen content reaches about
250 p.p.m., although the fractions of cleavage and the
dimple size vary, i.e. below 90 p.p.m. the fraction of
cleavage is reduced as the hydrogen content increases
(Fig. 7). The specimen containing 500 p.p.m. hydrogen

shows slightly different fractography, generally with
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Figure 5 Relationships between *K and *a for specimens contain-
ing different amounts of hydrogen (p.p.m.).

more and finer dimples present as well as secondary
cracking (Fig. 7).

The slow crack propagation path as revealed by
back-scatter electron imaging is mainly transgranular
through the a grains in the as-received material, and
mainly intergranular along the interface between
a and b phases in the specimen containing 500 p.p.m.

hydrogen (Fig. 8 a, b).



Figure 6 Fractography of the fast fracture region: (a) CT specimen
with 10 p.p.m. hydrogen and (b) CT specimen with 500 p.p.m.
hydrogen.

hydrogen.
4. Discussion
The principal failure processes involved under mono-
tonic load in titanium are creep and environmentally
sensitive fracture, and various mechanisms have been
proposed [27] to explain the fracture process char-
acteristics. From the point of view of extended service
life, the threshold stress intensity factor, K

4
, is of

greatest importance because components may be ex-
pected to operate safely only when the applied stress
intensity factor is below the threshold value. Once
slow cracking initiates, the dynamics of the crack
growth, including the actual growth rate, must be
considered for life prediction. Attention must also be
paid to the assessment of residual strength by develop-
ing crack growth resistance curves (R-curves) that
reveal the relationship between crack growth and the
applied stress intensity factor [28, 29]. The resistance
to crack extension may be expressed in terms of the
R-curve slope [30] and the steeper the slope the
greater is the crack growth resistance. The relation-
ship between *K and *a was employed in the present
work (Fig. 5) in order to facilitate comparison of res-
istance to crack growth. The ultimate limit for survival
is, of course, represented by the critical stress intensity
factor, K

H
, for fast cracking.

There are obviously two different effects involved
with increasing hydrogen content in these results.
K

4
increases and K

H
decreases with hydrogen content

up to 90 p.p.m. *a/*t increases drastically, the slopes
of *K—*a curves (the resistance to crack growth)
decrease, the width of the shear lips decreases, the frac-

tion of cleavage cracking decreases and the dimples
Figure 7 Fractography of the region of slow crack propagation: (a) as-received, (b) 30 p.p.m, (c) 53 p.p.m., (d) 90 p.p.m. and (e) 500 p.p.m.
613



dimples and cleavage to the interfacial separation. The
increase in K

4
with hydrogen content below 90 p.p.m.

suggests that there is greater resistance to crack initia-
tion but, once initiated, cracks propagate rapidly and
there seems little resistance to slow crack growth. The
principal features of the cracking behaviour at hydro-
gen concentrations above 125 p.p.m., however, are
a decrease in the stress intensity requirements for
initiation but little variation in the high resistance to
slow crack propagation compared with that at low
hydrogen levels. From both points of view, initiation
and propagation, there is a deterioration in fracture
resistance above about 350 p.p.m., compared with the
as-received material.

The tensile test results for smooth specimens with
different hydrogen contents in the identical Ti6Al4V
bar of the same orientation show that a deterioration
in tensile ductility occurs above about 2000 p.p.m.
[31], much more than the 350 p.p.m. observed here.
The reason for this difference must be that the triaxial
stresses at the loaded crack tip can induce enrichment
of hydrogen [32, 33], and it is deduced that the enrich-
ment factor involved could be as high as 6. In discuss-
ing delayed fracture mechanisms in the a and b tita-
nium alloys containing hydrogen, Daniels et al. [34]
pointed out in 1959 that some of these failures are the
result of creep deformation and some are due to hy-
Figure 7 Continued.
become finer and shallower. In contrast, above
125 p.p.m., K

4
decreases, *a/*t increases slightly, the

*K—*a slope is greater than below 90 p.p.m. but cha-
nges very little, the shear lip decreases, and the frac-

tography changes gradually from the mixture of
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drogen-induced cracking, and may be identified by the
different electrical resistance changes associated with
these two processes. The effect of hydrogen on the
creep behaviour has been investigated [3, 16, 34—36]
and it was found that hydrogen could induce an in-
crease in creep strain due to its effect in increasing
dislocation mobility [35, 36]. Paton and Thompson

[37] also discovered that the increase in creep strain



Figure 8 Slow crack propagation path with back-scattered electron imaging: (a) as-received and (b) with 500 p.p.m. hydrogen.
was related to the hydrogen content and, when the
hydrogen content was between 12 and 110 p.p.m., no
increase in creep strain occurred, but above 180 p.p.m.
hydrogen, there was an increase. Williams [3] investi-
gated the effect of hydrogen on sub-critical crack
growth in titanium alloys under sustained load, and
the experimental results showed that hydrogen in
Ti6Al4V produced an increase in K

4
and da/dt but

a decrease in K
H

with hydrogen level from 7 p.p.m to
60 p.p.m., and this resembles the results obtained here
below 90 p.p.m. hydrogen. He believed that the abnor-
mal increase in K

4
with increasing hydrogen could

only be explained in terms of the effect of hydrogen on
creep. He also found that hydrogen significantly de-
creases the rate in secondary creep, then postulated
that hydrogen embrittlement requires a finite amount
of plastic deformation at the crack root, and the
increased creep resistance offsets the increased
susceptibility to embrittlement at higher hydrogen
content. Sastry et al. [16] studied sub-critical crack
growth under sustained load in Ti6Al6V2Sn and

suggested that the incidence of significant ductile
tearing and dimpled fracture in Ti6Al6V2Sn speci-
mens containing low interstitial hydrogen indicates
that creep deformation makes a significant contribu-
tion to sub-critical crack growth under sustained
load.

In the present work, K
4

increases with increasing
hydrogen below 90 p.p.m., which is not consistent with
any reported mechanism of hydrogen embrittlement.
In addition, data for the effect of hydrogen on the
mechanical behaviour of Ti6Al4V [31] indicate that
below 90 p.p.m. the hydrogen atoms occupy the
octahedral interstitial sites of the h c p a phase, which
does not induce lattice expansion, i.e. the hydrogen
partial molar volume is zero and hence the possibility
of interaction between the hydrogen and triaxial stres-
ses or dislocations is very small, with the result that
enrichment of hydrogen by stress-induced diffusion is
highly unlikely.

For further analysis of the current data, the para-
meter tan a

4
may be used to represent the degree

of plastic deformation at the crack tip for slow

crack initiation. This parameter is defined as:
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TABLE II Effect of hydrogen on the incubation period and plastic deformation (fatigue crack opening) involved in initiation of slow crack
growth from a fatigue crack of length a

0

[H] (p.p.m.)

10 30 53 90 125 165 200 250 358 500

a
s
(mm) 6.79 6.93 6.88 6.92 6.69 7.04 6.69 7.21 7.50 8.28

t
s
(min) 690 820 925 1260 1012 1070 1055 1080 642 740
tan a
4

0.070 0.082 0.093 0.126 0.104 0.105 0.109 0.103 0.057 0.062
tana
4
"t

4
e5 /2a

0
where t

4
is the initiation time (incuba-

tion period) for the slow crack, e5 is the slow strain rate
and a

0
is the initial crack length, i.e. from the loading

line to the fatigue crack tip. Using this approach, it can
be seen (Table II) that with increasing hydrogen con-
tent below 90 p.p.m. both t

4
and tan a

4
increase and

also, in connection with the decrease in the cleavage
fraction in the fracture surfaces, it might be expected
that the lower dissolved hydrogen inhibits cleavage
cracking and improves the material ductility, which is
consistent with the results of smooth tensile tests [31].
However, as the slow crack grows the crack growth
resistance decreases, which mirrors the relationship
between creep rate and load; the greater the load the
quicker is the creep fracture process. Then, when the
hydrogen content exceeds 125 p.p.m., the hydrogen
induces an expansion of the a lattice [31] and, as
a result, there will be hydrogen enrichment at the
loaded crack tip due to interaction between hydrogen
and triaxial stress or dislocations. If the degree of
enrichment exceeds the hydrogen solubility in the
a phase (about 250 p.p.m. [31]), some of the hydrogen
would be in the b phase or at the a/b interface. The
slow crack growth would then be related to hydrogen
enrichment and hydrogen diffusion would control the
process determining the crack growth resistance. At
room temperature, the diffusivities of hydrogen in the
a and b phases are Da"3]10~15 m2 s~1 and
Db"2]10~12 m2 s~1, respectively, and the average
slow crack growth rate is 10~5—10~4 mms~1. If the
diffusion distance is estimated by (Dt)1@2, then the
distances diffused in the a and b phases in 1 s are
»a"5]10~5 mms~1 and »b"1.4]10~3 mms~1,
respectively. Comparison of these data suggests that
the diffusion of hydrogen in the a phase is dominant
for slow crack growth at lower hydrogen contents, but
diffusion in both the a and b phases is involved at
higher hydrogen contents. In addition, the hydrogen
content will affect the threshold stress intensity factor
(Fig. 3), the incubation period (Table II) and the slow
crack growth rate (Fig. 4). The higher the hydrogen
content, the less is the required stress gradient and
incubation period for slow cracking and the faster is
the slow crack growth rate. The enrichment of hydro-
gen occurs mainly in the b phase and at the interface
between a and b phases, and brittle hydrides may then
form at the latter to become initiation sites for slow
cracking. Such initiation at the a/b interface was ob-
served in a specimen containing 500 p.p.m. hydrogen
(Fig. 8b).

Whatever the hydrogen content of these particular

specimens, fast fracture is invariably preceded by slow
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crack growth, i.e. K
H

is always higher than K
4
, despite

the occurrence of two different regimes of slow crack
growth — above and below 90 p.p.m. hydrogen. There is
inevitably a decrease in the stress intensity factor re-
quired to produce fast fracture as the amount of hydro-
gen increases, but between 90 and 250 p.p.m. there is
a temporary increase in the apparent value of K

H
. The

latter is probably caused by the occurrence of crack
blunting during the lengthy propagation of the slow
crack, as indicated by the high values of tan a

4
(Table II).

5. Conclusions
1. The effect of hydrogen on the fracture properties

may be divided into two categories according to the
hydrogen content. When the concentration is below
90 p.p.m. the hydrogen dissolved as an intersitial atom
plays a major role and results in the enhancement of
the threshold stress intensity factor but a decrease in
the crack propagation resistance and an increasing
rate of slow crack growth. The mechanism of slow
crack growth is then by creep. When the hydrogen
content is above 125 p.p.m., the enrichment of hydro-
gen at the stressed crack tip due to interaction with the
triaxial stress and dislocations reduces the threshold
stress intensity factor. The crack growth rate is then
controlled by hydrogen diffusion in the a and b phases.

2. In comparison with the fracture properties of as-
received material, the deterioration of fracture proper-
ties in the hydrogenated materials becomes significant
above about 350 p.p.m. hydrogen.

3. The fracture mode in the as-received material is
a mixture of dimples and cleavage, but at higher hy-
drogen levels the initiation and propagation is pre-
dominantly along the interfaces between the a and
b phases.

4. Final fast fracture is invariably preceded by slow
crack growth and K

H
'K

4
, although the fracture sur-

face exhibits the characteristics of ductile failure.
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